Nacre realizes strength and toughness through hierarchical designs with primary ''brick and mortar'' structures of alternative arrangement of nanoplatelets and biomacromolecules, and these have inspired the fabrication of nanocomposites for decades. However, to simultaneously solve the three critical problems of phase separation, low interfacial strength and random orientation of nanofillers for nanocomposites is a great challenge yet. Here we demonstrate that polymer-grafted graphene oxide sheets are exceptional building blocks for nanocomposites. Their liquid crystalline dispersions can be wet-spun into continuous fibres. Because of well-ordering and efficient load transfer, the composites show remarkable tensile strength (500 MPa), three to four times higher than nacre. The uniform layered microstructures and strong interlayer interactions also endow the fibres good resistance to chemicals including 98% sulfuric acid. We studied the enhancing effect of nanofillers with fraction in a whole range (0-100%), and proposed an equation to depict the relationship.
Nacre realizes strength and toughness through hierarchical designs with primary ''brick and mortar'' structures of alternative arrangement of nanoplatelets and biomacromolecules, and these have inspired the fabrication of nanocomposites for decades. However, to simultaneously solve the three critical problems of phase separation, low interfacial strength and random orientation of nanofillers for nanocomposites is a great challenge yet. Here we demonstrate that polymer-grafted graphene oxide sheets are exceptional building blocks for nanocomposites. Their liquid crystalline dispersions can be wet-spun into continuous fibres. Because of well-ordering and efficient load transfer, the composites show remarkable tensile strength (500 MPa), three to four times higher than nacre. The uniform layered microstructures and strong interlayer interactions also endow the fibres good resistance to chemicals including 98% sulfuric acid. We studied the enhancing effect of nanofillers with fraction in a whole range (0-100%), and proposed an equation to depict the relationship.
A big problem for nanocomposites lies in phase separation, particularly at relatively high nanofiller fractions (. 10 weight %), due to the strong tendency of nanoparticle aggregation 1, 2 . Several strategies have been proposed to surmount the obstacle, including layer by layer assembly (LBL) 1 , ice-templated method 3 and vacuum assisted filtration 4 , since natural materials (e.g., nacre and bone) were found to be absence of phase separation even in the case of extremely large content of nanofillers (,95 volume % for nacre). Thus, various biomimetic composites have been obtained by alternative assembly of inorganic nanoplatelets (e.g., montmorillonoid (MTM), aluminum oxide, and silicate) and organic polymers (e.g., polyvinyl alcohol (PVA) and polymethyl methacrylate), approaching nacre-comparable performance 5 . Despite their exquisite microstructures, the non-covalent, weak interfaces between nanofillers and polymers impede the further progress of nacre-mimics. Full cross-linking could significantly improve the mechanical strength of nanocomposites, but makes the material rather brittle (ultimate strain 0.33%) 1 .
Due to its high aspect ratio and amazing mechanical properties, graphene and its derivatives are also under active investigation in nanocomposite field 6 . However, such composites [7] [8] [9] (, 210 MPa) can hardly satisfy the theoretical prediction that declared ultrahigh mechanical strength 10 , due to the difficulty in efficiently transferring the property of single sheet to that of macroscopic composites. Accordingly, to access biomimetic composites that completely exceed biological layered materials in strength, toughness, and scale, original designs from synthesis of building blocks to assembly method are needed.
Here we propose a ''bottom up'' strategy to make biomimetic materials by wet spinning assembly of polymergrafted graphene oxide (PgG) building blocks. Because of the covalent and uniform immobilization of polymer chains on the surface of individual graphene oxide (GO) sheets, local phase separation is fundamentally avoided and strong interfacial interaction is introduced simultaneously. PgG sheets are highly dispersible in organic solvents, and form liquid crystals (LCs) above a critical concentration, paving the way for producing highly ordered composites in large-scale. Wet-spinning the PgG LCs gives birth to continuous biomimetic fibres with ultrahigh strength (500 MPa), good toughness (7.8 MJ?m 23 ) and impressive Young's modulus (18.8 GPa) . The volume fraction of GO in the composites can be easily tuned in a wide range (25-88%) by controlling the grafting polymer amount, which enables us to investigate the nanofiller-enhancing effect with fraction in a range of 0-100%. Additionally, the robust PgG fibres show remarkable chemical resistance, including 98% sulfuric acid, due to their compact layered structures and strong interlayer interactions, promising broad practical applications. Figure 1 shows the preparation protocol for the biomimetic composites. Three steps are included: (i) synthesis of building blocks of PgG sheets, (ii) formation of colloidal LCs, and (iii) spinning assembly into macroscopic fibres. We chose GO as the two dimensional (2D) backbone of adhesive building blocks, because of its exceptional attributes such as superior mechanical property, high aspect ratio (10 3 -10 4 ), chemical activity of functional groups including in-plane double bonds, and commercially large-scale availability 11, 12 . Polymer chains were then covalently bonded onto the nanoplatelets through in situ free radical polymerization of vinyl monomers (e.g., glycidyl methacrylate, GMA) 13 . After removing the ungrafted polymers from the reaction system by cycles of centrifugation, decanting and redispersing for at least ten times, we obtained the neat PgG building blocks. Atomic force microscopy (AFM) measurements showed that typical PgGs were featured with uniform and dense clusters and held an average thickness of 3.5 nm ( Fig. 2a, b ), much higher than pristine GO sheets (average thickness ,t. 0.8 nm). The average width (,w.) of PgG sheets was 0.8 mm with polydispersity (relative standard deviation) of 26% ( Fig. S1 ). By adjusting the polymerization time (1, 1.5, 5, 18 h), we obtained a series of PgGs with desired grafted polymer contents, denoted as PgG-1 (the volume fraction of GO, f GO , 0.88), PgG-2 (f GO 0.62), PgG-3 (f GO 0.34), and PgG-4 (f GO 0.25) ( Supplementary Table S1 and Fig. S2 ). Notably, control experiments demonstrated that the ungrafted or adsorbed polymers were completely removed from GO surfaces 13 .
Results

Synthesis of PgG building blocks.
LC of PgG dispersions. The grafted polymers can sterically stabilize particles in polymer-favored solvents, resulting from an osmotic and configuration entropy effect 14 . PgG sheets were highly dispersible in organic solvents such as the less polar chloroform (relative dielectric constant e r , 4.81), and the polar tetrahydrofuran (e r , 7.58), dichloromethane (e r , 8.93), acetone (e r , 20.7) and dimethylfomamide (DMF) (e r , 36.7), no longer dispersible in water (e r , 80.4) where pristine GO is well dispersed. This in turn confirmed the efficient polymer functionalization on GO surfaces. According to Onsager's theory, the gain of free volume entropy as compensation for the loss of orientation entropy underlies the LC formation 15 . Similar to the LC behaviour of aqueous GO, PgG dispersions showed significant birefringence under polarized optical microscope (POM) in organic solvents ( Fig. 2c, d ), owing to their high asymmetry and fine dispersity. On the contrary, pristine GO would heavily aggregate in chloroform ( Supplementary Fig. S3h ). We observed the spreading Schlieren textures ( Fig. 2c ), implying that stable nematic phase formed at a low volume fraction (w 0.32%). The observed isotropic-nematic transition range (0.14-0.32%, Supplementary Fig. S3 ) was close to that of theoretic prediction (0.22-0.31%) for a model of polydispersed infinitely thin platelets (Supplementary text) 16 . At high concentrations, the PgG dispersions involved vivid textures of aligned strips ( Fig. 2c, d ), which could be assigned to a periodic distortion structure 17 . Synchrotron small angle X-ray scattering (SAXS) gave quantitative structure information on the LC dispersions. The anisotropy of SAXS 2D patterns became more pronounced with increasing w ( Fig. 2e -g), which was a sign of higher degree of orientation. As w $ 0.32%, diffuse scattering peaks appeared in the SAXS profiles, indicating a local lamellar ordering of PgGs in the LC dispersions 18 . The calculated interlayer spacing (d 5 2p/q, where q is the scattering vector) decreased from 86 nm to 57 nm as w increased from 0.32% to 0.76%, which showed a deviation from the theoretical one dimensional swelling/deswelling behavior of 2D colloidal LCs ( Fig. 2h) 19, 20 . The deviation may be ascribed to the polydispersity of lateral size and the irregularity of shape of PgG. The lamellar-like structures of PgG LCs were directly visualized by cryo-scanning electric microscopy (cryo-SEM) ( Fig. 2i , j). Additionally, chirality with random sign of dichroic ratio for PgG dispersions similar to aqueous GO 19 was also observed (circular dichroism spectra data in Supplementary Fig. S4 ). PgG dispersions are also an example for chiral LC comprising achiral molecules 21 .
Wet-spinning assembly of PgG fibres. The pre-alignment in macromolecular LC decreases the extrusion force needed in the spinning process and affords much less defects in the produced fibres, as in the cases of spider silk, commercial Kevlar fibres, and carbon nanotube (CNT) fibres 22, 23 . Following the discovery of GO LC behaviors [24] [25] [26] [27] and the realization of continuous graphene fibres by wet-spinning assembly strategy 19 , various GO and GO-based composite fibres have been obtained [28] [29] [30] [31] [32] [33] [34] [35] [36] [37] [38] [39] . For their high solubility (. 30 mg?mL 21 ) and LC behavior, PgG sheets were directly used as building blocks to make composite fibres by industrially viable wet spinning technique ( Fig. 1, Supplementary Fig. S5 ). The PgG LC was smoothly injected into a rotating coagulation bath through a spinneret. The freshly fashioned gel fibres showed vivid birefringence under POM ( Fig. 3a) , indicating the alignment of PgG building blocks. The shrinking of the gel fibre into solid fibre was confirmed by in situ POM observations (Fig. 3b) . A dried five meterlong PgG fibre was collected on a scroll after being washed with water ( Fig. 3c ). The fibres were woven into textiles and tied into knots, demonstrating their good flexibility, which is very important to actual applications (Fig. 3d ).
The microstructures of PgG fibres were characterized by SEM ( Fig. 3e-h ). The ruptured cross section showed rounded morphology for a fibre of 15 mm in diameter ( Fig. 3e ). Under zooming in, highly uniform layered structures were observed, revealing the ''brick & mortar'' (B&M) architecture of PgG fibres. Staggered blocks with layered structure were seen in the fibre cross-section, as indicated by the blue lines in Fig. 3f . The stagger structures probably inherited from the multi-domains in the LC spinning doping ( Supplementary  Fig. S3i -k). The formation of accordion-like structures was probably driven by the liquid surface tension during drying, as in the case of dehydration process of nematic aqueous GO droplet 26 . Such structures may result in out-of-plane interlocking that favours the fibre strength. Long-range ridges along the fibre axis indicate the coherent buckling behaviour of PgG sheets during the drying process ( Fig. 3h ).
Mechanical properties of PgG fibres. The difficulty in translating the excellent intrinsic mechanical properties (i.e. strength, stiffness) of individual nanofillers into those of macroscopic bulk materials made the mechanical performance of nanocomposites remain stagnant for a long time. Problems like aggregation of particles violate the load transfer, through a decrease of contact interface 40, 41 . The interfacial strength also imposes restrictions on the load that can be transferred, which is a hierarchical issue in terms of chemical interactions [42] [43] [44] , macromolecular conformation 2,45 and surface morphology 46 . Having delicate layered structures and enhanced interfacial strength, PgG-2 fibres held a tensile strength (s c ) of 440 6 60 MPa (the best value was 500 MPa) and a toughness of 6.9 6 0.9 MJ?m 23 or 5.1 6 0.7 J?g 21 (the fibre density was measured as 1.34 g?cm 23 ) (Fig. 4a ).
Our PgG-2 fibre possessed much higher absolute strength than nacre (,150 MPa) 47 , and other biomimetic materials including graphene-based and MTM-based layered-structure materials (80-109 MPa) 48, 49 , and it is also stronger than the chemically crosslinked artificial nacre 1 (400 6 40 MPa) ( Fig. 4c) . Significantly, the specific strength (strength/density) (373 kN?m?kg 21 ) of our biomimetic PgG composites is even higher than those of Bainite (321 kN?m?kg 21 Fig. 4d , Supplementary Table S2 ). This result may indicate in turn the highly efficient load transfer between nanofillers and polymer matrix in our composites because of their covalent linkage and homogeneous alignment. Therefore, we consider such composites integrating ultrahigh strength, good toughness and scalable productivity as the next generation of nacre-mimetic materials.
To further demonstrate the advantages of PgG fibres built from covalently bonded fillers and matrix, we also spun fibres from the blending of GO and polymer with the same f GO of PgG-2 (denoted as PmG fibres). PmG fibres showed a tensile strength of 101 6 10 MPa (Fig. 4a ). PgG-2 fibres are about 5 times the tensile strength of PmG fibres. This giant enhancement for the case of covalent bonding is mainly ascribed to the extra interfacial fracture energy that is 2.2 mJ?m 22 , calculated by multiplying the rough density of polymer chains on PgG-2 (3788 chains mm 22 , calculation details in Supplementary Table S1 ), and carbon-carbon single bond energy (346 kJ?mol 21 ) 54 .
Compared with neat GO fibres (s 205 MPa), polymers can endow extra covalent bonding and van der Waals interaction between the ultrastiff nanofillers. We assume additional shear strength (s p ) of grafted polymers to the original shear strength between neighboring neat GO sheets (s GO ) to illustrate the grafted polymer effect. Based on the tension shear chain (TSC) model 55 that is prevalently used to theoretically describe the mechanical properties of nanocomposites, the strength of our PgG composites s c is written as follows:
where w and t are the width and thickness (,0.8 mm and 0.8 nm) of GO sheets. The shear strength between PgG sheets is mainly contributed by polymer glue effect (s p ) and interaction between GO sheets (s GO ). The shear strength offered by polymer, s p (1 2 f GO ), is proportional to its volume fraction (1 2 f GO ), and the shear strength offered by GO sheets, s GO f GO , proportional to f GO . Based on the data of PgG-2 and neat GO fibres, s p and s GO were calculated to be 3.08 MPa and 0.4 MPa. This s p resulted from our macroscopic material is , 30% larger than the nanomechanics-measured interfacial stress before slippage (,2.3 MPa) between single graphene sheet and polymethyl methacrylate matrix 56 , suggesting the covalent bonding effect. Thus equation (1) re-written as s c 5 (154021340 f GO )f GO defines s c as a function of f GO , which is depicted as a curve shown in Fig. 4b . According to the curve, s c increases rapidly with increasing f GO below 0.4, and reaches a plateau at 0.45-0.65, and then drops quickly above 0.7. The trend can be explained as follows: for composites with relatively low fraction of nanofillers, s c is mainly determined by the enhancing effect of nanofillers; at a certain fraction, s c goes to a maximum due to the optimization of the two factors of shear strength and nanofiller fraction; above the critical fraction, the trend of s c is essentially influenced by the decrease of shear strength.
To examine the validity of equation (1), we synthesized PgGs with various f GO (0.25-0.88) and thus obtained the corresponding series of PgG fibres. Their tensile strengths are also shown in Fig. 4b . The experimental s c increases dramatically, and achieved the highest value at around 0.62 (PgG-2 fibre), and then decreases notably upon the increase of f GO , which is in close agreement with equation (1). Optimized amount of polymer glue was also reported in the case of PVA-enhanced CNT yarns 57 . This is the first time to study the enhancing effect of nanofillers in a large-range of fraction (25-88%), and we discover that the critical fraction is actually very high (. 50%) for nanocomposites without phase separation. This finding breaks the rule of conventional nanocomposites that allows a very low critical fraction (, 10%) due to the strong aggregation of nanofillers. Despite complex assembly protocols were previously developed to fabricate layered-structured composites with high fraction of platelets, the enhancing effect as a function of filler fraction was never reported, likely due to their fractions were difficult to be tuned in a large range. Hence, such a new principle lights the design multifunctional and high performance nanocomposites.
Given that the theoretical in-plane modulus of graphene (E) is about 1000 GPa and s c of PgG fibres is 500 MPa, and that most of stress is undertaken by the stiff graphene sheets in the nanocomposites, the strain (e) of graphene sheets at breakage is at the order of magnitude of 0.05% (e 5 s c /E), far smaller than the measured breakage strain of composites (3-10%). So PgG fibres take a ductile fracture with sliding mechanism ( Supplementary Fig. S7 ). SEM observations showed emerging PgG sheets at the fracture section of composites indeed, further confirming the pullout nature of failure mechanism (Fig. 3g ). According to the TSC model, there exists a critical aspect ratio (Sc) to predict the operative fracture mode 52 , Sc 5 2s/t, where s is the filler strength, and t is the interlayer shear strength. As the aspect ratio is above Sc, the material goes a brittle fracture, otherwise a ductile fracture. For s 5 130 GPa (tensile strength of graphene) and t 5 1.4 MPa (estimated shear strength between building blocks in PgG-2 fibre), Sc should be , 1.8 3 10 5 , which is around two orders of magnitude higher than the actual average aspect ratio of GO in PgG (,w./,t. 5 1000). So this calculation result indicates a pull-out fracture mechanism for our composites.
Cyclic loading experiments manifested the damping behaviour of PgG fibres ( Supplementary Fig. S6 ). A portion of energy (16.9%, 16.7%, 14.4%, 8.6%, and 9.6%, respectively from cycle 1 to cycle 5) was stored, expressed as the area between loading and unloading curves in one cycle. The Young's modulus increased about 44% after five cycles, indicating the self-reinforcing behaviour of PgG fibres 49 .
Non-covalent linkage between building blocks enables them selfadaptive re-arrangement under tension to better fit microstructures.
After reduction by hydroiodic acid 58 , PgG fibres held an electric conductivity of 186 S/m ( Supplementary Fig. S11 ) and , 8% increase in tensile strength, probably due to the reduction of interlayer distance 59 .
Chemical resistence of PgG fibres. Chemical resistance is of significance for high performance fibres applied in harsh environment. So we measured the chemical resistance of our PgG fibres against organic solvents and strong acids. The PgG fibres held , 100% retention of tensile strength after being immersed in ethanol, acetone, ethyl acetate, n-hexane, tetrachloromethane (measured immediately after being taken out from the solvents) (Supplementary Fig. S8 ). Especially, our PgG fibres only swell slightly in 98% sulfuric acid and kept their full morphology even after immersion for one month (Fig. 5a ). The H 2 SO 4 -immersed PgG fibres showed , 50% retention of tensile strength without being washed, and recovered to , 100% after being washed with ethanol and dried (Fig. 5b) . This superb chemical resistance may be ascribed to four factors: chemical inertia of constituents, ultrastrong interactions between large building blocks, highly ordered layeredarchitecture, and hierarchical structures. Such attributes enable the slightly expanded interlayer of building blocks to readily recover to original compact structures after being washed and dried, as demonstrated by their highly ordered B&M architecture (SEM images in Fig. 5c, d) . The chemical resistance nature of PgG fibres is very important to their practical applications. Raman spectra also confirmed the inertia of GO in PgG fibres to 98% sulfuric acid ( Supplementary Fig. S10 ). On the contrary, those commercial strong fibres such as Kevlar, cotton and Nylon 6 fibres were completely dissolved within several minutes in 98% sulfuric acid ( Fig. 5a, Supplementary Fig. S9 ).
Discussion
The preparation of PgG fibres set a good example for fabrication of nacre-mimic materials with a large range of filler fraction (0-100%), which is significant for the development of theoretical modelling and computer calculation for nanocomposites and bio-mimics. Moreover, the corresponding rheology of such system is also a new area to be exploited. By comparison, the traditional blending way often leads to the problem of phase separation when the filler fraction is up to 10%. The long used LBL method can achieve the uniform alternative arrangement of fillers and macromolecules, but the absorbed amount of polymer is generally determined by its adsorption attributes at the interface of inorganic particles and solvents 1, 60 . So it is hard to tune the filler fraction in the composites for the noncovalent adsorption methodology.
From the point of view of components, our covalent-grafting strategy can be readily extended to other colloids (e.g. MTM, nontronite and ceramic particles) and polymers (e.g., nylon, polyethylene terephthalate, light-emitting polymers, electrically conductive polymers and biomacromolecules), paving the way to multifunctional and high performance composites with tailored properties in a wide range of polymer fraction.
In summary, we have proposed a new strategy to fabricate strong, tough, and scalable nacre-mimetic fibres by wet spinning assembly of building blocks of polymer-grafted GO. The covalent immobilization between GO and polymers avoids phase separation which always happens in the case of simple blending, and simultaneously endows high interfacial strength. The polymer grafting also offered the building blocks good solubility in common organic solvents, allowing their formation of LCs. Both the covalent bonding and the pre-alignment in the LC liquids contributed to compact and uniform B&M structures and thus ultrahigh mechanical strength of composite fibres. Due to the absence of filler aggregation, we achieved nanocomposites with desired content of fillers and then discovered the critical filler fraction approaching the maximum of composite strength, which is much higher than the long accepted value for nanocomposites. A record of enhancing coefficient was obtained in our composites, one to two orders of magnitude higher than those of reported composites. The macroscopic assembled fibres showed remarkable chemical resistance, including 98% sulfuric acid, due to their compact microstructures and strong interlayer interaction. Such versatile fibres are widely useful in many fields like functional textiles, supercapacitors, and pollution treatments.
Methods
Synthesis of PgG. Well-dispersed GO was synthesized from natural graphite powder (40 mm) using a modified Hummers method 53 . Neat PgG building blocks with given amount of grafted polyGMA were synthesized by free radical polymerization of GMA in the presence of GO according to the protocol previously reported 13 . The molar ratio of monomer (GMA) and initiator (azodiisobutyronitrile) is 20051. After certain reaction time (1, 1.5, 5, 18 h), the reaction was quenched. The resultant solution underwent at least ten cycles of centrifugation, decanting and redispersion in DMF, to get the PgG solution without free polyGMA and possible absorbed polyGMA on GO. In a controlled experiment, GO was mixed with polyGMA in solution. After cycles of centrifugation, decanting and redispersion, both AFM and TGA can show the nearly absence of polyGMA, indicating that the free polyGMA and possible absorbed polyGMA can be washed away from GO in the cycles, i.e. only the covalently grafted polyGMA can survive the repeated washing process in our case. In addition, the weight percentage of polyGMA in PgG increases with the increase polymerization time. These observations are strong evidence for the grafting nature in our in situ free radical polymerization strategy.
Wet spinning of PgG fibres. The resulting PgG dispersions in DMF were concentrated to around 20 mg?mL 21 for obtaining the LC-state spinning liquid. The PgG LCs were loaded into a 5 ml plastic syringe with a spinning nozzle (PEEK tube with diameter of 250 mm), and injected into a rotating coagulation bath of 5 wt% CaCl 2 in water-ethanol by an injection pump. After coagulation for 10 minutes, the gel fibres were drawn out, washed with water to remove extra ions, and dried at 80uC in vacuum for 24 h, affording final PgG fibres.
Characterization. AFM images were taken in the tapping mode carrying out on a Nanoscope IIIa, with samples prepared by spin-coating sample solutions onto freshly cleaved mica substrates. POM observations were performed with a Nikon E600POL using a bright field transmission-mode and the liquid samples were squeezed into the home-made planar cells sealed by glass cement (1.5 mm in thickness) for observations. SAXS tests were carried out in Shanghai Synchrotron Radiation Facility (SSRF), Shanghai, China, using a fixed wavelength of 0.124 nm, a sample to detector distance of 5 m and an exposure time of 600 seconds. The 2D scattering patterns were collected on a CCD camera, and the curve intensities vs. q were obtained by integrating the data from the patterns. Cryo-SEM images were taken on a Hitachi S3000N equipped with a cryo-transfer. Circular dichroism spectra were collected on a Bio-Logic MOS-450 spectrometer, and the samples were injected into the quartz cuvette with a light path length of 0.5 cm. Common SEM images were taken on a Hitachi S4800 field-emission SEM system. Mechanical property tests were carried on a HS-3002C at a loading rate of 10% per minute.
